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ABSTRACT: Dispersing particles within a semicrystalline polymer can result in remarkable impact strength
improvement and opens promising routes toward super-tough materials. Although the technique is extensively
employed to modify polymer properties, predicting which dispersions yield toughness remains a challenging
issue. By comparing the characteristic lengths and deformation processes involved in toughening, we explain
why a minimum matrix confinement or ligament thickness is required to induce ductility. Our model was used
to interpret experimental data and show how this critical confinement length depends on material properties,
temperature, and processing history. Most importantly, it reveals an unexpected particle size effect. The predictions
provide fresh insight into the design of toughened materials. The model also provides guidance to understanding
the fracture mechanics of other complex systems such as composites or biological matter.

Introduction

Most solids are heterogeneous materials. Among plastics,
semicrystalline polymers exhibit remarkably complex structures
at the molecular scale.1 During processing, these macromolecular
chains spontaneously fold and form dense crystalline lamellae
separated by amorphous regions, as depicted in Figure 1a.
Because of the high density and melting point of these lamellae,
semicrystalline polymers such as polyamides, polyolefins, or
cellulose exhibit excellent chemical resistance and can maintain
physical integrity at temperatures exceeding 100°C. These
characteristics make them attractive to many applications
ranging from tubing to components for aeronautics. Unfortu-
nately, these materials are generally prone to ductile failure and
are known to become brittle at low temperature and in the
presence of notches that concentrate stress. A major discovery
was that particle inclusion in the polymer matrix can signifi-
cantly relax the strong stresses developed in front of notches
and impart ductility, especially at low temperature.2-4 This
toughening strategy, together with recent developments in
polymer science, has increased the impact strength of semi-
crystalline polymers by an order of magnitude and opened
promising routes toward new super-tough and rigid materials.5-7

Yet, the toughening ability of dispersions remains largely
unpredictable and is usually probed by costly trial-and-error
experiments.

We show here that a microscopic model of the fracture
mechanism captures the existence of a minimum confinement
length governing the onset of ductility. The analysis also
explains how toughening depends on the matrix and dispersion
characteristics as well as on the impact conditions. This generic
picture could lead toward an understanding of the fracture and
confinement effect in other composite materials such as botani-
cal structures made of highly flawed cellulose-based tissues.8

Numerous studies9-12 initiated by the first observations of
Wu13 have shown that a minimum confinement of the polymer
matrix is necessary to induce ductility. This confinement is
usually characterized by the average surface-to-surface distance
between particles,L, which is also referred to as the average

matrix ligament thickness. For given impact conditions, Wu
found that toughening can only be achieved below some critical
ligament thickness,Lc (Figure 1b). This critical length is
commonly considered as an intrinsic property of the matrix,
independent of the size and nature of the particles. For example,
standard impact conditions yield a value of about 0.3µm for
Lc in polyamide-66,13 while it is about 2µm in polyamide-
12.14 Shedding some light on this intriguing length scale is the
purpose of this paper.

Initial attempts to explain the origin ofLc were based on
continuous media mechanics and inevitably failed to capture
the existence of a critical length governing toughening.15,16

Indeed, dimensional considerations suggest that a geometrical
description of the dispersion is insufficient and thatLc should
be related to some other characteristic length of toughened
materials. A microscopic model proposed by Argon et al.17 first
introduced the concept thatLc corresponds to a characteristic
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Figure 1. (a) Schematic representation of the molecular organization
of semicrystalline polymers.(b) Typical evolution of the impact strength
of toughened semicrystalline polymers as a function of average ligament
thicknessL. (c) Transmission electron micrograph taken from an
injected impact test sample of polyamide-12 filled with rubber particles.
Rubber particles appear in white. A specific staining of the matrix
reveals bright crystalline lamellae separated by dark amorphous regions.
Crystalline lamellae exhibit a long-range orientation perpendicular to
the local flow undergone during processing.14
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length of the semicrystalline matrix. Their research suggested
that during matrix crystallization crystalline lamellae grow
perpendicularly to the particle surface and form radially oriented
layers, the thickness of which depends on matrix properties.
Ductility is thus achieved when these oriented layers percolate
through the whole material and provide a path where plastic
deformation propagates and dissipates impact energy.

The oriented layer model has been challenged by several
experimental observations. In particular, it was found thatLc

increases linearly with impact temperature.9 Yet, the percolation
of oriented layers should be a definitive property of a toughened
system once the matrix has crystallized. Moreover, recent
microscopic observations14,18 suggest that crystalline lamellae
do not form oriented layers but that their orientation is rather
strongly determined by the local flows and thermal history
undergone during processing, as illustrated by the TEM
micrograph given in Figure 1c.

We propose a new description of toughening that considers
both delocalized and localized deformation processes; specifi-
cally, a shear yielding process which allows ductile failure as
opposed to the opening and coalescence of cracks which causes
brittle fracture. Since the pioneering work of Griffith,19 the latter
mechanism is known to initiate the brittle fracture of most
heterogeneous media.20 In the case of semicrystalline polymers,
seminal X-ray studies by Kuksenko and Tamusz21 showed that
micron- or submicron-sized cracks accumulate in semicrystalline
specimens and coalesce in avalanche at some critical crack
concentration, therefore causing a brittle fracture. We compare
this brittle mechanism to the shear yielding of the matrix initiated
around impact filler particles and show how ductility is achieved
below a critical ligament thickness that depends on matrix
properties, particle size, and impact conditions.

Model

Fracture of the Semicrystalline Matrix. We begin with a
description of the fracture processes and mechanisms of the neat
semicrystalline matrix with no added particles. Kuksenko and
Tamusz21 studied semicrystalline polymers under load using
X-ray scattering. Their observations revealed that a great number
of micron- or submicron-sized cracks open in poorly cohesive
amorphous layers and accumulate in semicrystalline specimens
long before their final rupture. Eventually, a brittle fracture
occurs when these cracks coalesce in avalanche at some critical
concentration denoted asF*. For processed semicrystalline
polymers, F* is typically of the order of 1014-1016 cm-3.
Interestingly, this critical concentration shows the existence of
a critical distance between cracksê* given by F*-1/3, which is
thus of the order of 100 nm.

These X-ray measurements further reveal that the crack
dimensions vary little with the load and thatê* is always
comparable to the crack size. Such a scaling points out that
coalescence is driven by the local stress fields around cracks,
which are shown to extend over distances commensurable with
the crack size.22 As a result, two coalescing cracks form a larger
crack that interacts further. If several cracks had already
accumulated in the specimen, this larger crack immediately
coalesces with other neighboring cracks and triggers the
avalanche process that leads to brittle fracture.

The formation of these cracks has been shown to depend on
the molecular organization in the amorphous regions and on
the scission of tie chains bridging crystalline lamellae.21,23

However, the question of what sets the characteristic size of
microcracks is unclear and difficult to investigate experimen-
tally. Lacking a clear molecular description, brittle fracture is

usually characterized by macroscopic measurements at high
speed and low temperature.24 In the following analysis, we
assume that the critical crack concentration is reached when
the largest normal stress attains the characteristic valueσB. This
criterion for brittle fracture is given by Max(σi) ) σB (i ∈
{1,2,3}), whereσB is the tensile stress at break andσ1, σ2, and
σ3 are the normal principal stresses which are depicted in Figure
2 along axis 1, 2, and 3 for the sake of simplicity. A different
stress criterion based on hydrostatic stress for instance would
lead here to similar conclusions.

As opposed to brittle fracture and crack opening, a tough
and ductile behavior is usually obtained at high temperature,
low impact speed, or low stress triaxiality. In these conditions,
the mobility of polymer chains is sufficient to allow chain
displacements in the crystalline lamellae. These displacements
are activated when shear stresses reach a critical yield value at
which chains slip along each other. Above this yield point, the
initial crystalline organization breaks and re-forms into highly
elongated fibrils.25 This ductile process generates significant
chain friction, which dissipates impact energy, stabilizes crack
propagation, and yields high values of impact strength. We
describe the onset of this shear yielding deformation using a
Tresca criterion given by Max(|σi - σj|) ) σY (i, j ∈{1,2,3})
whereσY is the macroscopic tensile yield stress.

Most data on the fracture of semicrystalline polymers are
collected with standard Charpy or Izod techniques for which a
notched test bar having well-defined dimensions is impacted
by a pendulum at a controlled speed and temperature. At the
beginning of impact, the test bar bends as it is pushed by the
pendulum and tensile stresses apply normal to the notch. In
Figure 2a, these tensile stresses are denotedσ 1

∞ and apply
along axis 1. Because these tensile stresses cannot be transmitted

Figure 2. (a) Stress distribution in front of a notch submitted to a
remote tensile stressσ 1

∞. Curves illustrate the typical stress profiles for
stress componentsσ1 andσ2 in the plane of the notch as a function of
the distancer from the notch tip. A gray region represent the process
zone ahead of the notch.(b) Stress state in the process zone where
triaxial stresses are the greatest. White ellipsoids superimposed to the
TEM micrograph illustrate cracks opening between crystalline lamellae.
The thick white line represents the catastrophic coalescence occurring
when σ1 ) σB if the critical distance between cracksê* is reached
before initiation of shear yielding.(c) Local stress distribution around
voided particles. Curves represent the profiles for stress component
σ 1

eq andσ 2
eq in the equatorial plane of the particle as a function of the

distancer from the particle surface.(d) Schematic representation of
the deformation processes in toughened systems: yielded regions (in
dark gray) grow around particles while cracks open in the elastic matrix
far from the particles.
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close to the free faces of the notch, they are concentrated and
redistributed in all directions ahead of the notch tip. Asymptoti-
cally, both this stress concentration and triaxiality decay with
the distancer from the notch tip asr-1/2. As the pendulum
pushes the test bar further,σ1

∞ increases and damage ac-
cumulates in a process zone located at the front of the notch
tip.

Ultimately, the brittle or ductile failure of the sample depends
upon which deformation mechanism prevails in a region of the
process zone where stress triaxiality is highest. Figure 2b
illustrates the local stress state in this key region whereσ1 is
the amplified tensile stress along axis 1 (σ1 > σ1

∞). We assume
that the global sample geometry is axisymmetric along axis 1
so that the normal stresses,σ2 andσ3, in the plane of the notch
are equal. In this geometry, the state of stress triaxiality can be
quantified using a ratio defined asA ) σ2/σ1 ) σ3/σ1. Depending
on the sharpness of the notch,A ranges from 0 for no triaxiality,
i.e., no notch, to 1 for maximum triaxiality (σ1 ) σ2 ) σ3).
Comparing the criteria for shear yielding and brittle fracture, it
appears that the critical crack concentration is attained before
shear yielding is initiated if

In this case, an unstable crack is most likely to propagate through
the whole sample causing its brittle failure (Figure 2b). In the
usual range of temperatures and strain rates, most semicrystalline
polymers are ductile in the absence of a notch but become brittle
when the sample is notched. In terms of our simple picture,
this notch sensitivity implies that bothσY < σB and eq 1 are
satisfied for some triaxial state of stress characterized byA >
0.

Toughening by Dispersing Particles. Consider now a
toughened semicrystalline matrix filled with micron-sized
spherical particles. In order to predict toughening efficiency,
we examine how this particle dispersion can induce a ductile
behavior under the triaxial loading conditions described by eq
1 where the neat semicrystalline polymer is brittle. A first
requirement for this toughening is for void formation in the
particles to relax the triaxial stress state that favors brittle
fracture.5 This is often achieved practically by using soft rubber
particles that easily cavitate. More recently, rigid fillers such
as CaCO3 particles or clay platelets have been used since they
do not induce the stiffness loss obtained with soft rubber
fillers.5,6 For these systems, toughening is achieved when voids
are created by debonding at the particle-matrix interface. To
first approximation, our toughened system can thus be regarded
as a porous material containing a volume fractionΦ of small
voids of diameterd.

In the critical process region depicted in Figure 2a, matrix
ligaments are subjected to a remote stress fieldσ̃ that depends
on the vicinity and geometry of the notch as well as on the
presence of voids that reduce the actual load bearing area. The
remote stress field as seen by matrix ligaments is denoted by
the tilde symbol. It can be estimated from simple stereological
considerations26 and scales asσ̃1∼ Knotch(1 - 1.19Φ2/3)-1σ1

∞

andσ̃2 ∼ Aσ̃1. HereKnotch is the concentration factor due to the
notch, and (1- 1.19Φ2/3)-1 expresses the stress concentration
due to the reduced load bearing area, whereΦ is the volume
fraction of voids. The local stress distribution within each matrix
ligament is also greatly modified by the formation of voids
inside the particles, as illustrated in Figure 2c. Normal stresses
are amplified in the direction tangential to the particle surface
and released in the direction perpendicular to it. Coordinate axes

in Figure 2c are chosen along the principal stresses with axis 1
corresponding to the maximum tensile stress. The highest stress
concentration occurs at the particle equator. Close to the particle
surface, this equatorial stress field is given byσ

1

eq ) KT σ̃1 and
σ

2

eq ) 0, whereKT is a stress concentration factor greater than
unity. It depends on the particle shape and on the cavitation
mechanisms; for example,KT ) 3 for an isolated spherical void
in an infinite and linearly elastic body.22

The relaxation of triaxial stresses surrounding cavitated
particles is central to the toughening effect. By suppressing
locally the triaxial state of stress, the stress distribution in the
vicinity of the particle equator becomes more favorable to the
initiation of a shear yielding process. In particular, the size of
the region where stress triaxiality is relaxed is of the order of
the radius of curvature of the void.22 Here, a distinction arises
between cracks and cavitated particles which are both voids
embedded in the semicrystalline matrix. Unlike cavitated
particles whose radius of curvature is comparable to their size,
cracks are highly elongated and confined between crystalline
lamellae. As a result, their radius of curvature at the crack tip
should be of the order of the thickness of amorphous layers,
which is about 1-10 nm. Stress triaxiality thus relaxes over an
extremely small region close to such a sharp tip. Similarly,
cracks cannot induce a massive shear yielding even though they
can be as large as the rubber particles used for toughening.

When σ̃1 reaches a value of aboutσY/KT, the local shear
stresses are large enough to initiate matrix yielding near the
particle equator. Still, chain slippage cannot be activated in
elastic regions further away from the particles where cracks open
and accumulate as was the case for the unfilled sample. As the
load increases, yielded regions grow around the particles as
depicted in Figure 2d. For a given remote stress, the thickness
of the elastic ligamentLe is related by

whereL is the initial average ligament thickness andrY(σ̃1) the
size of yielded regions.

The growth of yielded regions implies a thinning of the elastic
areas which support most of the load. This effect is considered
implicitly here by renormalizing the remote stress field. A simple
but coarse renormalization is to consider that elastic regions
carry the entire load. The renormalized remote stress field seen
by a matrix ligament would then be given byσ̃1∼ Knotch(1 -
R(Φ + ΦY)2/3)-1σ1

∞, where ΦY is the volume fraction of
yielded regions andR a geometrical constant characterizing the
distribution and shape of voids and yielded regions. From
continuum fracture mechanics,21 we know thatrY(σ̃1) scales as
rY(σ̃1) ∼ d(KTσ̃1/σY)2 so that the thickness of the elastic ligament
Le(σ̃1) can be given by

Here C is a dimensionless factor that should depend on the
ability of particles to release the stress and on the criterion for
brittle stress. For instance, choosing a criterion based on the
hydrostatic stress for the brittle fracture would yield a factorC
scaling as (1+ 2A)KT/3.

We argue that two situations must be distinguished when the
critical microcrack concentration is attained in the elastic
regions. At this very moment, the thickness of the elastic
ligament is given byLe(σB) and the mean distance between
microcracks isê*.

(1 - A)σB < σY (1)

Le(σ̃1) ) L - 2rY(σ̃1) (2)

Le(σ̃1) ) L - d(Cσ̃1

σY
)2

(3)
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Case i: Le(σB) > ê*. Confinement by yielded regions does
not affect microcrack coalescence, and a brittle fracture can still
propagate. Though fracture is not ductile, shear yielding around
particles might have generated some substantial energy dissipa-
tion.

Case ii: Le(σB) < ê*. Confinement by yielded regions is
strong enough to shield interactions between microcracks and
inhibit their coalescence. Thus, a higher microcrack concentra-
tion is required to induce the catastrophic avalanche process.
However, experimental observations21 show that the average
distance between microcracks only decreases asσ-1/3 while the
thickness of the elastic matrix ligaments decreases much faster,
asσ2 , as shown in eq 3. As a consequence, a brittle fracture is
most unlikely to happen when the elastic ligament is confined
below ê*.

A critical confinement length appears at the crossover
between cases i and ii whenLe(σB) ) ê*. In other words,
toughening is successfully achieved if the initial ligament
thicknessL is smaller than a critical confinement lengthLc given
by

This equation suggests thatLc depends not only on the matrix
characteristics given byê*, σB, andσY but also on the particle
sized. It is related less obviously to the cavitation process and
loading through coefficientC.

Discussion

The particle size dependence predicted by eq 4 is particularly
intriguing becauseLc is usually considered an intrinsic property
of the matrix, i.e., independent of the size and nature of the
particles.10-13 In order to study this paradox, we examined
previously reported experimental data for toughened polyamide-
6613 and polyamide-12.14,27Measured values of Izod or Charpy
impact strengthJ are reproduced in Figure 3 as a function of
ligament thicknessL. Different symbols correspond to different

ranges in particle size. A linear scale is used here for the abscissa
axis (ligament thickness) in order to better reveal the linear
dependence on particle size.

For both polyamide-66 and polyamide-12 systems, it is clear
that different ranges in particle size exhibit a brittle-to-ductile
transition for different ligament thicknesses, therefore confirming
the existence of a particle size effect. The linearity of this
dependence is better shown in Figure 4a where the critical
ligament thickness at the brittle-to-ductile transition is plotted
as a function of particle size. Fitting these data with characteristic
values forσB

28 andσY
29 gives a critical distanceê* of the order

of 100 nm, which is consistent with the 10-500 nm range
measured with X-ray techniques.21 In nonoriented polyamide-6
samples, Kuksenko and Tamusz find a transverse size of
microcracks of about 0.5µm, as compared to only 10 nm in
oriented samples predrawn to a ratio of 4.5. Accordingly, impact
test bars obtained by injection molding should have an
intermediate coalescence lengthê* between these two extremes.
The coefficientC given by the fits is about 0.1-0.5, which is
smaller than the stress concentration factorKT expected to be
greater than 1. Besides probable errors onσB and σY, such a
low value forC may indicate that cavitated particles still transmit
radial stress. As a result, shear yielding would not be as easily
activated as it is with perfect voids.

Equation 4 also relates the matrix properties and thus the
processing conditions to the critical ligament thickness. In
particular, it shows that the particle size dependence varies
quadratically with the brittle stress to yield stress ratio,σB/σY.
This explains why the particle size effect observed in Figures
3 and 4a is much more pronounced in polyamide-12 systems
for which σY ∼ 70 MPa than it is in polyamide-66 ones for
which σY ∼ 100 MPa. TakingσB ) 300 MPa for both
polyamide-12 and polyamide-66, this only difference in shear
yield stress implies a 2-fold difference in (σB/σY).2 Other

Figure 3. Experimental data showing the impact strengthJ as a
function of ligament thicknessL for polyamide-66(a) and polyamide-
12 (b) matrices from ref 13 and 27, respectively. Different symbols
correspond to different ranges in particle diameter. Dotted lines indicate
the position of the brittle-to-ductile transition for each particle size range.

Lc ) ê* + d(CσB

σY
)2

(4)

Figure 4. Model predictions for toughened polyamide systems.
Symbols show experimental data from the literature for various
polyamide matrices. Full lines represent model predictions.(a) Critical
ligament thicknessLc as a function of particle diameterd for polyamide-
66 (b) and polyamide-12 ([) matrices from refs 13 and 27, respec-
tively. Model parameters areσY ) 100 MPa,σB ) 300 MPa,ê* )
230 nm, andC ) 0.11 for polyamide-66;σY ) 70 MPa,σB ) 300
MPa,ê* ) 100 nm, andC ) 0.45 for polyamide-12.(b) Critical volume
fraction Φc as a function of the particle diameterd for polyamide-66
from ref 13. The dashed line corresponds to constantLc models fixing
Lc to 300 nm.
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processing effects can be inferred from eq 4 and especially the
effect of molecular orientation. Indeed, the shear yield stress,1,30

the crack size,21 and more generally the fracture behavior of
semicrystalline polymers have been shown to depend signifi-
cantly on the orientation of the crystalline lamellae. These effects
could be introduced in eq 4 using values forσY, σB, and ê*
that vary with the impact direction relative to the orientation of
the semicrystalline structure.

The critical confinement criterion expressed by eq 4 can be
reformulated in terms of particle size and volume fraction, which
are practically easier to handle than the ligament thickness.
Assuming a certain particle distribution,L is related tod and
Φ by L ) d[(âπ/6Φ)1/3 - 1] whereâ is a geometrical factor
close to unity.13 Substituting this expression in eq 4 gives a
minimum volume fraction for the onset of ductility defined by

Figure 4b shows the evolution ofΦc as a function ofd for
toughened polyamide-66 systems takingâ ) 1.09, as it was
done in the original study.13 Our prediction is compared to the
dependence that one would obtain with other models such as
the oriented layer picture17 for which Lc is considered to be
constant. In Figure 4b, this latter dependence is calculated taking
Lc ) 300 nm, which is commonly adopted for polyamide-66.
Both curves exhibit similar trends but differ quantitatively:
ductility is more difficult to achieve according to the constant
Lc picture. This is explained in terms of microscopic mecha-
nisms: constantLc models require that shear yielding propagates
through the whole ligament thickness to induce ductility. On
the contrary, the present model considers a less severe condition
for toughening: it is sufficient to confine the matrix below a
certain valueê* in order to prevent brittle fracture.

Another crucial feature for most applications is to maintain
ductility at low impact temperatures. Because temperature and
impact speed mostly affect the yield process,24 their effect can
be introduced in the present model through a description ofσY.
Here we express the dependence ofσY on temperatureT and
strain rateε̆ using a simple linear relation as given by an Eyring
description:

whereY0 andY1(ε̆) are characteristic parameters of the semi-
crystalline matrix. Substituting (6) into (5), we derive the
temperature of ductile-to-brittle transitionTDB as follows:

This expression reveals sharp dependences ofTDB with bothd
(Figure 5a) andΦ (Figure 5b). Figure 5 compares model
predictions to experimental data for polyamide-6 systems
reported by Borggreve et al.9 CalculatedTDB is obtained with
typical values ofY1 and Y0 for polyamide-6 in Izod impact
conditions.29 Values obtained for the fitting parametersC and
ê* are about 0.1-0.3 and 10-100 nm, respectively. In the
experimental study, only the weight-average particle size is
given, which overestimates the number-average particle size.
As a result, the small values obtained here forê* may in reality
be larger.

Besides errors coming fromY0 andY1, discrepancies between
model and experiment may arise from additional processing
effects that are not considered in the initial picture. In particular,

the addition of particles has been shown to affect significantly
the local flows during injection molding and to accentuate the
crystalline orientation of the matrix with the chains axis parallel
to the injection direction of impact test bars.18 As a consequence,
σY and thusTDB are expected to decrease as the matrix is more
confined. We examine this effect by adjustingY0 andY1 to fit
the data points that are likely to exhibit a strong matrix
orientation, i.e., smaller particle sizes (Figure 5a) and higher
volume fractions (Figure 5b). These new predictions are shown
by dotted lines in Figure 5. The values obtained forY0 (∼50-
70 MPa) andY1 (∼0.4-0.6 MPa/°C) are closer to the yield
stresses measured in highly oriented polyamide-6.1 Accordingly,
experimental data deviate from model predictions toward higher
TDB for the larger particle sizes or lower volume fractions, which
should correspond to less oriented matrices.

Other temperature effects could be introduced that complete
our description of toughening. In particular, the glass transition
of the semicrystalline matrix strongly affects chain mobility in
the amorphous regions and leads to a change in the temperature
dependence ofσY. This effect may be of particular interest in
polyamides and some polyolefins for which the glass transition
temperature is close to the temperatures of use (TgPA ∼ 40 °C,
TgPP∼ -10 °C). At very low temperature or very high impact
speed, the glass transition of rubber also comes into play as it
can significantly inhibits the cavitation of rubber filler. As a
result, one would expect a cutoff inTDB for temperatures lower
thanTg of rubber.

More generally, eq 7 relates explicitlyTDB to the matrix and
dispersion characteristics. This points at possible ways to repel
the ductile-to-brittle transition toward even lower temperatures.
A first trivial way is the use of plasticizers which favor chain
mobility and thus lowerσY. A second way consists in tuning

Φc ) âπ
6 (1 + ê*

d
+ (CσB

σY
)2)-3

(5)

σY(ε̆,T) ) Y0 - Y1(ε̆)T (6)

TDB )
Y0

Y1(ε̆)
-

CσB

Y1(ε̆) [(âπ
6Φ)1/3

- 1 - ê*
d ] -1/2

(7)

Figure 5. Temperature of ductile-to-brittle transition,TDB, as a function
of particle diameterd and volume fractionΦ for polyamide-6 systems.
Symbols ([, b) show experimental data from ref 9: series(a) is
obtained at fixed volume fractionΦ ) 26%, and series(b) is obtained
at fixed particle sized ) 300 nm. Full lines represent model predictions
for a typical Eyring description ofσY with Y0 ) 110 MPa,Y1 ) 0.56
Pa/°C, andσB ) 300 MPa. Fitting parameters are(a) C ) 0.15 andê*
) 100 nm and(b) C ) 0.26 andê* ) 10 nm. Dotted lines show model
predictions obtained by adjustingσY(T) to account for crystalline
orientation effects. Fitting parameters are(a) Y0 ) 76 MPa,Y1 ) 0.4
MPa/°C, C ) 0.12, andê* ) 50 nm and(b) Y0 ) 48 MPa,Y1 ) 0.6
MPa/°C, C ) 0.12, andê* ) 10 nm.
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ê* and σB to hinder crack opening and coalescence. This latter
approach implies a control of the crystalline orientation and of
the molecular organization within amorphous regions. Indeed,
the crack size and the brittle stress have been shown to depend
strongly on the degree of crystalline orientation and on the
density in tie chains bridging crystalline lamellae.21 In this
regard, a proper design of the processing conditions (flows,
cooling, and shear rates) and the addition of nucleating seeds
or high molecular weight chains are certainly promising
solutions.31-33

Conclusion

In conclusion, we show that a description of fracture in
heterogeneous media explains the existence of a critical confine-
ment length governing toughening of semicrystalline polymers.
The proposed model predicts how this critical ligament thickness
Lc depends on the matrix properties, particle size, and impact
temperature. These predictions, together with the control and
understanding of processing effects, bring new practical and
quantitative guides for the design of super-tough materials.
Furthermore, we believe that this picture extends beyond just
semicrystalline polymers. It could help understanding the
toughness of other complex heterogeneous structures such as
polymer composites and biomaterials, the fracture of which often
involves both localized cracking and dissipative molecular
yielding. More generally, the present analysis shows that
toughening is efficient if particles can initiate matrix yielding
and bring confinement below the characteristic length scale of
matrix heterogeneity. This may explain why toughening is much
more difficult to achieve in the case of glassy polymer matrices
where shear yield stresses are large and heterogeneities are at
the nanometer scale. Accordingly, other toughening strategies
are traditionally envisaged for glassy matrices, either by adding
particles to perform crack arrest and multiple crazing or by
modifying the molecular architecture of the polymer chain as
it is done with block copolymers.
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